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1  |  INTRODUCTION

Environmentally friendly and efficient processes for en-
ergy generation and conversion are of great importance.1 
Among the solutions for CO2 capture and storage technol-
ogies (CCS) to reduce greenhouse gas emissions, ceramic 
oxygen transport membranes represent key components,2 
due to their almost 100% selectivity to oxygen.3 Moreover, 
oxygen transport membranes have the capability to improve 
the efficiency of other industrial processes, such as produc-
tion of pure oxygen,4-6 petro-chemical processes,7-11 and 
oxy-combustion.12-14

Ceramic perovskites, such as Ba0.5Sr0.5Co0.8Fe0.2O3−δ,
15 

and La0.6Sr0.4Co0.2Fe0.8O3−δ,
16 are the most popular material 

candidates due to their high oxygen permeation fluxes. But 
practical applications of these single-phase perovskite mem-
branes are limited due to their degradation in atmospheres 
containing CO2 and SO2.

17-24 Such a stability limitation can 
be overcome by the development of dual phase membrane 
materials, which consist of two separate phases responsible 
for ionic and electronic conduction, respectively.25-33

Ce1−xGdxO2−δ (x = 0.1 or 0.2) is often used as the ion-con-
ducting phase because of its high ionic conductivity (~0.075-
0.1  S·cm−1)34-37 and chemical stability.25-27,29,31,33,37-41 The 
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Abstract
Ce0.8Gd0.2O2−δ-FeCo2O4 composites are attractive candidate materials for high-pu-
rity oxygen generation providing robust chemical stability. Aiming for future indus-
trial applications, a feasible solid-state reaction process with one thermal processing 
step was used to synthesize 50 wt% Ce0.8Gd0.2O2−δ:50 wt% FeCo2O4 and 85 wt% 
Ce0.8Gd0.2O2−δ:15 wt% FeCo2O4 composites. Mechanical reliabilities of the sintered 
membranes were assessed based on the characterized mechanical properties and sub-
critical crack growth behavior. In general, the fracture strengths of as-sintered mem-
branes were reduced by tensile residual stresses and microcracks. In particular, the 
enhanced subcritical crack growth behavior, which leads to limited stress tolerance 
and high failure probability after a 10-year operation, was evaluated in more detail. 
Further materials and processing improvements are needed to eliminate the tensile 
stress and microcracks to warrant a long-term reliable operation of the composites.

K E Y W O R D S

dual phase ceramic composite, lifetime prediction, mechanical properties, oxygen transport 
membrane, residual stress

This is an open access article under the terms of the Creative Commons Attribution License, which permits use, distribution and reproduction in any medium, provided the original 
work is properly cited.
© 2020 The Authors. Journal of the American Ceramic Society published by Wiley Periodicals LLC on behalf of American Ceramic Society (ACERS)

www.wileyonlinelibrary.com/journal/jace
mailto:
https://orcid.org/0000-0003-2583-7328
mailto:f.zeng@fz-juelich.de
http://creativecommons.org/licenses/by/4.0/
http://crossmark.crossref.org/dialog/?doi=10.1111%2Fjace.17583&domain=pdf&date_stamp=2020-12-06


2 |   ZENG Et al.

high ionic conductivity of Ce1−xGdxO2−δ (x = 0.1 or 0.2) has 
been attributed to oxygen vacancies created by the substitu-
tion of Ce in CeO2 by Gd according to42:

where subscripts Ce and O represents the Ce and O site within 
the CGO lattice, respectively. And superscripts ×, ′ and •• 
denote an electroneutral state, one negative effective charge, 
and two positive effective charges, respectively. The intro-
duction of oxygen vacancies expands the lattice, which is 
known as chemical expansion.43

A suitable electron-conducting phase for Ce1−xGdxO2−δ 
(x = 0.1 or 0.2)-based dual phase membranes should have a 
comparable conductivity to achieve high ambipolar conductiv-
ity,3 and similar thermal expansion coefficients to avoid for-
mation of large residual stress and microcracks.39 In  addition 
to excellent electronic conductivities (~0.85-19  S·cm−1) that 
are adjustable by Fe content,25,37,44,45 FexCo3−xO4 (0 < x < 3) 
spinels have appropriate thermal expansion  coefficients that 
are close to the thermal expansion coefficient of Ce1−xGdxO2−δ 
(x  =  0.1 or 0.2) (~12  ×  10−6  k−1).44,46,47 Furthermore, 
FexCo3−xO4 (0 < x < 3) spinels can serve as sintering agents for 
Ce1−xGdxO2−δ (x = 0.1 or 0.2) to reduce the sintering tempera-
ture and increase the density of the material.36,47

Ce0.8Gd0.2O2−δ:FeCo2O4 composites synthesized by a 
Pechini process, as typical examples, were revealed to pos-
sess a crack-free microstructure with high density (~97%) 
after sintering at 1200°C.48 The optimal nominal composi-
tion with the highest oxygen permeation flux and best chem-
ical stability against CO2 and SO2 was reported to be 85 wt% 
Ce0.8Gd0.2O2−δ:15 wt% FeCo2O4.

25

Aiming toward future scaling-up of dual phase membranes 
for industrial applications, mechanical behavior and robust-
ness, in addition to chemical performance and stability, are 
of critical importance to warrant long-term safe operation.7,20 
Only a limited number of reports focused on the mechanical 
properties of dual phase membranes,49-53 reporting values for, 
for example, elastic modulus, hardness, fracture strength, and 
fracture toughness. The subcritical crack growth behavior of 
dual phase membranes, though, has not yet been studied. In 
fact, long-term mechanical reliability of ceramic materials 
only allows limited subcritical crack growth,54-57 since a fast 
degradation of fracture strength with increasing service time 
can be expected for ceramics that are susceptible to subcritical 
crack growth.55 Such dependence of strength on service time 
can be predicted utilizing a lifetime assessing model based on 
failure probability analysis, that is, Weibull analysis, and pa-
rameterized subcritical crack growth behavior.58

In this work, we are comparing the mechanical reliability of 
Ce0.8Gd0.2O2−δ:FeCo2O4 composites with two different com-
positions. One composite is 85 wt% Ce0.8Gd0.2O2−δ:15 wt% 
FeCo2O4, which has great potential due to its excellent chemical 

stability and good oxygen permeance.25 For comparison, a 
fairly different composite 50  wt% Ce0.8Gd0.2O2−δ:50  wt% 
FeCo2O4 was prepared to reveal the potential effect of the 
compositional differences. Mechanical properties, including 
elastic modulus, hardness, fracture toughness and fracture 
strength, were assessed at room temperature, and their re-
lationships with the phase structure, residual stress, and the 
microstructural characteristics are discussed. The subcritical 
crack growth behavior, failure probability and lifetime under 
static stress are analyzed based on fracture stress data obtained 
by ring-on-ring tests at different loading rates.

2 |  EXPERIMENTAL PROCEDURE

A solid-state reaction process with one-step thermal pro-
cessing, as a very promising technique for scaling-up 
manufacturing process,13 was utilized to synthesize 
Ce0.8Gd0.2O2−δ-FeCo2O4 composites. Ce0.8Gd0.2O1.9 (Treibacher  
Industrie AG, 99%) (CGO), Co3O4 (Alfa Aesar, 99.7%), and 
Fe2O3 (Sigma-Aldrich, 99%) powders (the Co/Fe mole ratio 
fixed at a value of two to obtain a nominal FeCo2O4) were mixed 
in a plastic bottle, and ball milled with ethanol and 5 mm (diam-
eter) zirconia balls for 3 days. The weight ratio of powder-ball-
ethanol was set to be 1:2:3. The milled powder mixtures were 
then dried and pressed into pellets using a pressure of 50 MPa. 
The pellets were sintered in air at 1200°C for 10 hour. A slow 
cooling rate of 0.5 K/min was applied for the cooling step from 
900°C and 800°C to facilitate the oxidization of CoO rock salt 
phase.59 The heating/cooling rate for other temperature ranges 
was 3 K/min. Two composites were sintered, and they will be 
referred to as 50CGO:50FCO and 85CGO:15FCO correspond-
ing to weight ratios of Ce0.8Gd0.2O2−δ to FeCo2O4 being equal to 
50:50 and 85:15 in the starting powder mixtures, respectively.

To reveal possible variations of phase structure, micro-
structure, and associated mechanical properties across the 
sintered pellets, we investigated the as-sintered surface, the 
sub-surface, as well as the bulk material. The sub-surface and 
the bulk material were exposed using two different surface 
preparation procedures. The as-sintered surface without any 
surface preparation serves as a reference and will be referred 
to as “surface.” The first polishing procedure included five 
polishing steps on the as-sintered pellet surfaces to obtain a 
mirror-finished surface exposing the sub-surface material. 
Particle sizes of the diamond pastes used during polishing 
were reduced in every polishing step from 15 µm to 6 µm, 
then to 3 µm, and finally to 1 µm. The final step was con-
ducted using 50 nm colloidal silica suspension. The polishing 
time for each step was ~1 hours to remove the defects and 
scratches from the preceding step. A thickness of approxi-
mately 30  µm was removed after finishing the five polish-
ing steps, hence, the obtained surface will be referred to as 
“sub-surface.”

(1)Gd2O3

CeO2

⟶ 2Gd �

Ce
+ 3O×

O
+ V ⋅ ⋅

o
,
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The second procedure included additional grinding steps 
before polishing to reveal the bulk material. The surfaces of 
the as-sintered pellets were first ground using SiO2-sandpaper 
with grit sizes ascending from 400 to 1200, and then polished 
with the same steps as the ones used for the first procedure. 
Potential residual stress induced by grinding was removed by 
the fine polishing steps.60 These combined grinding and pol-
ishing steps removed a thickness of approximately 0.3 mm. 
The obtained surfaces are expected to represent the bulk of 
the material and will be referred to as “bulk”.

The crystal structure at the surface and in the bulk of the 
sintered composites was characterized by X-ray diffraction 
(XRD) (Empyrean, Malvern Panalytical Ltd). The instrument 
was equipped with a Cu long fine focus tube (40 kV/ 40 mA), 
Bragg-BrentanoHD mirror (divergence = 0.4°), and PIXcel3D 
detector (1D-mode, active length = 3.35°, 255 channels).

The residual stress (�r) of the surface and the sub-surface 
of the sintered composites were determined by XRD based on 
the sin2� method assuming an equibiaxial stress state.61 Such a 
method is most appropriate for cubic phases with isotropic elastic 
constants.61 Hence, the residual stresses were only determined for 
CGO and FCO phases. Lattice spacing (d) of crystal planes (311) 
of CGO, crystal plane (440) of FCO, and crystal plane (220) of 
CoO were derived based on the diffraction peaks obtained at dif-
ferent angles (�). The diffraction peaks at high 2� positions (>85°) 
were recorded to enable sufficient intensity for analysis using a 
Philips MRD Pro diffractometer with Cr-Kα (35 kV/ 50 mA) ra-
diation. For a homogeneous stress state, the lattice spacing is ap-
proximately linearly proportional to sin2�. The residual stress (�r)  
was calculated by61:

where E and � are elastic modulus and Poisson's ratio, and d�0
 

is the lattice spacing in a stress-free sample; d� is the lattice 
spacing at an angle �. The E values for CGO, FCO, and CoO 
were 229 GPa, 209 GPa, and 193 MPa, respectively.53 The � 
was assumed to be 0.3, which is a typical value for ceramics.62

Microstructures of surface, sub-surface and bulk of the 
sintered composites were investigated by scanning electron 
microscopy (SEM) (Merlin, Carl Zeiss Microscopy) and 
back scattered electron microscopy (BSEM) (Merlin, Carl 
Zeiss Microscopy, Oberkochen, Germany). The porosity was 
estimated as the area fraction of the pores.

Fracture stresses and associated average fracture strengths 
of the as-sintered composites were determined from data ob-
tained by ring-on-ring tests operated with an electromechanical 
testing machine (Instron 1362, Lebow Ltd) following the gen-
eral procedure outlined in ASTM C1499-05.63 Loading rings 
and support rings with diameters of 3.43 and 9.99 mm, respec-
tively, were used. The pellet surface in contact with the sup-
port ring was the tensile surface during loading. Four different 

stress rates, ie, 20, 2, 0.2, and 0.02  MPa/s were applied for 
each as-sintered composite. Due to the limited number of spec-
imens, only five 50CGO:50FCO pellets were tested at each 
loading condition. Ten 85CGO:15FCO pellets were tested at 
a loading rate of 20 MPa/s, while only five 85CGO:15FCO 
pellets were tested at each of the other loading rates. The indi-
vidual fracture stress (�f) and elastic modulus (E) were derived 
by Equation (3)63 and Equation (4),56 respectively. 

 

where F is the fracture force,ΔF and Δf  are load and displacement 
interval of the linear part (from F to 50% F) in a load-displacement 
curve, respectively. r is the radius, t is the thickness, subscripts s, l,  
and p denote the support ring, loading ring, and the tested pellet, 
respectively. The elastic modulus was determined from ring-on-
ring tests at the highest loading rate, that is, 20 MPa/s, since the 
load-displacement curve at low loading rate might be nonlinear 
due to potential subcritical crack growth (SCG).

Five ground and polished 50CGO:50FCO pellets were 
also tested, respectively, by ring-on-ring tests to determine 
the elastic modulus and fracture stress of the bulk materials 
at a loading rate of 20 MPa/s.

The effect of loading rate on strength was described by 
the parameterized subcritical crack growth (SCG) behavior, 
which was assessed by64:

where �̇,n, and D are loading rate, SCG exponent, and SCG 
constant, respectively. �0 is the characteristic strength, and de-
fined as fracture stress with a failure probability (Pf) of ~63%. 
The SCG exponent and constant were derived by linear regres-
sion method based on equation S1-S6.

The relation of �0 and Pf  was described by a two-parame-
ter Weibull distribution65:

where m is the Weibull modulus. m and �0 were derived with 
the corresponding 90% confidence intervals by linear regres-
sion method based on equation S7&S8.

To predict a lifetime under a static load, the �0 measured 
under dynamic load was firstly converted to equivalent stress 
(�1s) that causes failure in 1  seconds with a probability of 
~63.2% under static load by58:
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The characteristic strengths at different lifetimes were 
correlated according to the relationship58:

where �i (i = 1, 2) denotes the characteristic strength for a life-
time ti (i = 1, 2).

Thus, the characteristic strength (�t) at a given lifetime (t) 
was derived by combing Equations (7) and (8):

In the case that n has an infinite value, the corresponding 
�t was estimated to be equal to �0.

For deriving uncertainties of �t, Equation (9) was plotted 
as a 3D surface with n and �0 as independent variables and 
�t as a dependent variable using OriginPro software.66 The n 
value changed between the lower and upper uncertainty lim-
its. And �0 varied within 90% confidence interval. Thereby, 
the maximum and minimum �t value were obtained from the 
plotted 3D surface, and defined as the upper and lower uncer-
tainty limits of �t, respectively.

A strength-probability-time (SPT) diagram was con-
structed to express the relationship between stress, failure 
probability and lifetime.54-56,58 Since low Weibull mod-
ulus and low characteristic strength indicate high failure 
probabilities at low stresses, the lower uncertainty limit 
of an SPT line at a given lifetime (t) was obtained using 
the lower confidence bound of Weibull modulus (m) and 
the lower uncertainty limit of characteristic strength (�t). 
Correspondingly, the upper uncertainty limit of an SPT line 
at a given lifetime (t) was derived by using the upper confi-
dence bound of Weibull modulus and the upper uncertainty 
limit of characteristic strength (�t). Therefore, the uncer-
tainty of each SCG was derived with the consideration 

of uncertainties of n and 90% confidence intervals of m  
and �0.

To clarify fracture modes and fracture origins, the fracture 
surfaces were investigated by SEM. The size of flaws as the 
likely or apparent fracture origins were measured, and compared 
with the estimated critical flaw size that leads to failure using67:

where C, KIC, Y, and � are fracture origin size, fracture tough-
ness, stress intensity factor, and stress at the fracture origin, re-
spectively. For a surface flaw as a fracture origin, the C is equal 
to the depth of the flaw.68 The Y value is approximately 1.12

√

� 
for a half-penny shaped crack.57,69 The � is practically identical 
to the fracture stress of the sample that only experiences the 
external stress applied during the strength measurement.

The fracture toughness (KIC) and hardness (H) were deter-
mined for the polished pellet using the conventional Vickers 
indentation method.70 Detailed experimental procedures and 
equations for derivations of KIC and H can be found in our 
previous publication.71

3 |  RESULTS AND DISCUSSION

3.1 | Phase constituents and microstructure

EBSD measurements were only carried out at the bulk to ver-
ify the phase constituents of the sintered composites, since the 
as-sintered surfaces do not yield reliable results due to their 
uneven topographies. As illustrated in Figure 1, four phases 
are revealed: CGO fluorite, FCO spinel, CoO rock salt, 
and GdFeO3-type perovskite. The composition of GdFeO3-
type perovskite was reported as Gd0.85Ce0.15Fe0.75Co0.25O3 
(GCFCO).48,72 However, the CoO rock salt phase, being a 
result of uncomplete oxidization,72 is only observed in the 
50CGO:50FCO composite.

The porosity of each sintered composite is less than 1% 
(see Figures 2 and 3; Figure S1). No obvious microcracks are 

(7)�1s = �0 ⋅

(

�0

�̇ ⋅ (n + 1)

)
1

n

,

(8)
t2

t1
=

(

�1

�2

)n

(9)�t = �0 ⋅

(

�0

�̇ ⋅ t ⋅ (n + 1)

)
1

n

(10)
√

C =
KIC

Y ⋅ �
,

F I G U R E  1  EBSD phase maps of the bulk of (A) 50CGO:50FCO and (B) 85CGO:15FCO. CGO, GCFCO, FCO, and CoO appear as yellow, 
red, blue, and green, respectively. In both (A) and (B), the pores can clearly be distinguished as black spots. The dark lines represent the grain or 
phase boundaries
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found in the bulk of both composites (see Figure S1), while 
a considerable amount of long microcracks (~10-30  µm)  
exists at the surface of 50CGO:50FCO (see Figure 2A,B). 
Such long microcracks were not found at the surface of 
85CGO:15FCO (see Figure  2C). The sub-surfaces of 
50CGO:50FCO and 85CGO:15FCO exhibit traces of rel-
atively short microcracks (~4 µm), as verified in Figure 3. 
The sub-surface microcracks in 50CGO:50FCO might be 
linked to surface microcracks or even be an extension of 
surface microcracks. Overall, the mechanism leading to the 
microcracks is unclear. A possible cause of the microcracks 
can be internal stress generated by the potential difference 
in chemical expansion of some localized CGO grains or the 
difference in the thermal expansion coefficients of different 
phases. Nevertheless, these observations indicate that mi-
crocracks exist in a shallow sub-surface region of the sin-
tered pellets. Such microcracks are expected to reduce the 
mechanical strength, and also influence the SCG behaviors.

To compare the amount of each phase across the sintered 
pellets in more detail, both surface and bulk of the compos-
ites were characterized by XRD. As presented in Figure 4, 
85CGO:15FCO shows no significant differences in phase 
amounts at the surface and in the bulk, while 50CGO:50FCO 

possesses a slightly higher amount of FCO at the surface. 
CoO seems to appear only in 50CGO:50FCO, and the CoO 
in the bulk is around double that at the surface. Since the 
penetration depth of X-rays increases with the incident angle 
during measurement, and is on average greater than a few 
microns,73,74 the XRD investigation at the surface is ex-
pected to reveal crystal information also of the sub-surface 
material. Thus, the amount of CoO detected at the surface 
might, in fact, include some amount of sub-surface CoO. 
The surface skin layer possibly contains no CoO since the 
excess oxygen in air should oxidize CoO into Co3O4 gradu-
ally while the temperature decreases from ~1200 K.59

For pure CoO, the oxidation of the surface layer can be de-
scribed by Equation (11),75 and the bulk is oxidized according to 
Equation (12).75 The continuous oxidation of CoO in the bulk re-
lies on the transport of ionized cations and electrons to the surface 
layer, where the reaction described by Equation (11) takes place.76

where subscript i means “ionized”.

(11)3Co ⋅ ⋅

i
+ 6e � + 2O2 → Co3O4,

(12)4CoO → Co3O4 + Co ⋅ ⋅

i
+ 2e � ,

F I G U R E  2  Surfaces of the as-
sintered (A) 50CGO:50FCO and (C) 
85CGO:15FCO. (B) shows a sketch of the 
microcracks shown in (A). The FCO and 
CoO grains appear as in dark-grey, while 
the CGO and GCFCO grains are shown as 
lighter shades of grey

F I G U R E  3  Microcracks in the sub-
surface regions of (A) 50CGO:50FCO and 
(B) 85CGO:15FCO
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For the dual phase material studied here, the ionized 
Co cations and electrons cannot be transported easily to 
the surface due to a shortage of diffusion paths, and some 
portions of the CoO in the bulk is expected to remain un-
oxidized. However, CoO could hardly be found in the bulk 
of 85CGO:15FCO after cooling (see Figure 1B). It is un-
likely that all CoO grains are well connected to form con-
tinuous paths for transporting the ionized Co cations and 
electrons from bulk to surface in 85CGO:15FCO. Hence, 
it implies that the reaction of Equation (11) is still possi-
ble to happen at heterophase boundaries in the bulk. Since 
CGO shows the ability to dissociate oxygen according to 
Equation (13),43 reaction (11) may happen at CGO/CoO 
interfaces, which is supported by the occurrence of an 
O-deficient layer surrounding the isolated spinel phase.46 
Since the ability of CGO to dissociate oxygen is limited, 
continuous reactions in Equations (11) and (12) rely on 
the supplement of oxygen ions diffused from the surface 
through free paths formed by CGO. The unoxidized CoO 
in the bulk of 50CGO:50FCO is an implication of insuffi-
cient supplement of oxygen ions due to a shortage of CGO 
free paths.

The lattice constants of CGO and GCFCO were derived 
from the XRD data, while it was not possible to obtain a value 
for the lattice constant of FCO due to the variation of the co-
balt-to-iron ratios.53 The formation of GCFCO consumes Gd 
from the Ce0.8Gd0.2O1.9 in the initial powder mixtures, and re-
verses the reaction equilibrium in Equation (1), which results 
in a reduction of oxygen vacancies and leads to a shrinkage 
of the CGO lattice. Such a reaction can easily reach a balance 
at the sintering temperature, that is, 1200°C, because of the 

fast diffusion. The content of formed GCFCO remains stable 
upon cooling.71 Since the average Gd content in GCFCO was 
reported as almost constant,48,53 a similar amount of GCFCO 
in the surface and the bulk (Figure 4) implies that the total 
consumed Gd amount from Ce0.8Gd0.2O1.9 is the same. In 
other words, the Gd content left in CGO is the same at the 
surface and the bulk, and, hence, the lattice constants of CGO 
should not be different. However, the lattice constant of CGO 
in the bulk is slightly higher than the one in the surface for 
both composites, as shown in Figure 5. The lattice constants 
of GCFCO and CoO, though, are almost identical in the bulk 
and the surface (Table S1). A possible reason might be that 
the oxygen vacancies produced according to Equation (13) 
during the cooling process are partially balanced by the ox-
ygen ions that are transported from the surface through free 
paths. This means that part of the CGO in the bulk contains 
additional oxygen vacancies, and hence, has a larger lattice 
constant. Nevertheless, these hypotheses need further valida-
tion, which is out of the scope of this work.

3.2 | Residual stress

A similar thermal expansion coefficient ( ~12 × 10−6 K−1) 
has been reported for FCO and CGO,44,46,47 as well as for 
GdFeO3

77 and Gd0.8Sr0.2FeO3−δ,
78 whose perovskite crystal 

structures are similar to the one of GCFCO. Therefore, no 
significant thermal-mismatch-induced residual stress is an-
ticipated in the sintered composites. However, a chemically 
induced residual stress can be expected in the sintered com-
posites following the hypotheses state above (see Figure 5). 
The surface is, thus, expected to be under tensile stress since 
the lattice shrinkage during cooling is larger in the surface 
than in the bulk.

(13)4Ce×

Ce
+ 2O×

o
→ 4Ce �

Ce
+ 2V ⋅ ⋅

o
+ O2,

F I G U R E  4  Phase quantifications of (A) 50CGO:50FCO and (B) 85CGO:15FCO in the bulk and at the surface
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The residual stresses of CGO, FCO, and CoO in the sur-
face of each as-sintered composite were determined by XRD, 
respectively. Linear dependences of sin2� on d were obtained 
for CGO, FCO and CoO, as exemplified for 50CGO:50FCO 
in Figure 6. The calculated residual stress values are listed 
in Table  1, showing that CGO, FCO, and CoO experience 
tensile residual stresses. Since GCFCO is randomly distrib-
uted and surrounded by the majority phases, that is, CGO 
and FCO, the stress state in GCFCO is expected to be the 
same as the one of CGO and FCO. Hence, the whole surface 
is under tensile stress. For 85CGO:15FCO, only the Bragg 
reflections of CGO provide enough intensity to be used for 
residual stress determination. Besides, the broadening and 
overlapping of FCO diffractions peaks at high 2� positions, 
due to the variation of Co-to-Fe ratio, make it difficult to de-
termine the peak position and peak shift for residual stress 
analysis for FCO.

To detect a potential residual stress gradient, the resid-
ual stresses of CGO, FCO, and CoO were also determined in 
the sub-surface of each composite, as shown in Figure 6 for 
50CGO:50FCO. The lattice spacing is almost independent of 
sin2� for the sub-surface CGO and CoO, which indicates a 
stress-free state. By contrast, a nonlinear change of the lattice 
spacing with increasing sin2� is obtained for the sub-surface 
FCO, which is an indication of a mixed stress state resulting 
in an average stress value close to 0.61 In fact, a compressive 
stress state is expected in the sub-surface, which should coun-
terbalance the tensile surface stresses. However, it is difficult 
to conclude on any residual stress state for the sub-surface 
according to Figure 6. A low magnitude of the sub-surface 
stress can result from a thin stressed surface layer since the 
sum of all stresses should be zero.

Nevertheless, it should be noted that the residual stress 
determined by XRD represents an average residual stress 

value of a layer consisting of materials in and below the sur-
face tested by XRD due to the penetration depth of X-rays (as 
mentioned in the previous section).74

3.3 | Mechanical properties

The E and �f  values of the as-sintered composites derived 
from the ring-on-ring test data at the highest loading rate of 
20 MPa/s, are shown in Table 2. The average E values, to 
which all phases and undulations in the composite contrib-
ute, of the two composites are similar within the limits of 
experimental uncertainty. The E values for 50CGO:50FCO 
and 85CGO:15FCO with rather small grains (<1 µm) were 
determined by nanoindentation tests at a load of 150 mN, and 
reported to be ~215 and ~223 GPa, respectively.53 These val-
ues are higher than the ones shown in Table 2, while it is not 
unexpected that nanoindentation tests yield higher E values 
than macroscopic techniques.79

The average �f  values show only a minor dependence 
on composition when the uncertainties are considered (see 
Table 2). Hence, differences in residual stress and potential 
microcrack effects on strength are not reflected in differences 
between the �f  values of the two as-sintered composites.

Thus, ring-on-ring tests with the same loading rate were 
conducted for 50CGO:50FCO after surface layer removal 
with the bulk surface representing the tensile surface. Based 
on the microstructural investigations and residual stress 
analysis, the bulk surface was free of both microcracks (see 
Figure S1A) and residual stress (see Figure 6). The derived E 
and �f  values are presented in Figure 7. It unveils that the E 
values measured for bulk and initial surface are almost identi-
cal considering the uncertainties, while the �f  value obtained 
for the bulk material is clearly higher than the one measured 
for the initial surface. The tensile residual stress and micro-
cracks tend to reduce the fracture stress as expected. Hence, 
the mechanical properties of the bulk can be regarded as the 
intrinsic strength of the composite due to the absence of a 
surface layer with residual stress and microcracks. The agree-
ment of the values for the initial surfaces of the two different 
composites appears in this context to be only coincidental 
since the 85CGO:15FCO was not affected to the same extent 
by residual stress and microcracks.

Hence, H and KIC values were measured only for the bulk 
of sintered composites to obtain intrinsic values without ef-
fects of residual stress and microcracks. As given in Table 3, 
when the inherent experimental uncertainties are consid-
ered, the H and KIC values do not show a strong dependence 
on the applied loads, and the KIC values are almost indepen-
dent of composition, while the hardness of 85CGO:15FCO 
is higher than the hardness of 50CGO:50FCO. The differ-
ence in hardness can be attributed to a compositional effect 
since the porosity difference of the two composites is rather 

F I G U R E  5  Lattice constants of CGO of surface and bulk regions 
of the sintered composites
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small (see Figure 2, Figure 3 and Figure S1). Since the H 
value of CGO and FCO phase are similar,53 the composi-
tional effect on hardness can be reflected by the amount of 
CoO phase, which shows a low hardness of ~6 GPa,53 and 
is only detected in 50CGO:50FCO (see Figure 4A). Thus, a 
higher hardness value for 85CGO:15FCO can be expected 

in agreement with the experimental results. By contrast, 
the 50CGO:50FCO and 85CGO:15FCO with rather small 
grains (<1  µm) were reported to possess a similar H of 
~12 GPa,53 which was determined by nanoindentation tests 
at a load of 150 mN. The reported values did not show a de-
pendence on composition and are higher than the H values 
shown in Table 3. Such differences can be explained in two 
aspects. On the one hand, the reported 50CGO:50FCO only 

F I G U R E  6  Dependence of d on sin
2� values for 50CGO:50FCO: (A) (311) plane in CGO, (B) (440) plane in FCO and (C) (220) plane in 

CoO

T A B L E  1  Residual stress in CGO, FCO, and CoO in the surfaces 
of the sintered composites determined by XRD. (-, not detectable due 
to low intensity; ×, phase does not exist)

Composite

Residual stress (MPa)

CGO FCO CoO

50CGO:50FCO 205 ± 4 130 ± 11 85 ± 5

85CGO:15FCO 94 ± 9 - ×

T A B L E  2  Elastic modulus and average fracture stress of the as-
sintered composites measured at a loading rate of 20 MPa/s

Composite E(GPa) �f(MPa)

50CGO:50FCO 197 ± 12 105 ± 18

85CGO:15FCO 191 ± 34 134 ± 34
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possesses a very small amount of CoO, which has a small 
grain size (<1 µm) and is rather inhomogeneously distrib-
uted. Hence, the degradation effect of CoO on H is expected 
to be smaller and harder to be revealed for the reported 
50CGO:50FCO than for the 50CGO:50FCO studied here. 
On the other hand, the higher H value for the reported com-
posites can be attributed to some grain boundary strength-
ening effect, as well as potential indentation size effect.62

The indentation cracks generated at a load of 5 N (see 
Figure  S2) reveal a similar crack propagation pattern for 
the two composites. The cracks appear to predominantly 
propagate through the grains with no typical preferred 
paths towards or bypassing any phase constituent or grain 
boundary. Crack deflections in dual phase membrane com-
posites were reported to be strongly affected by a varia-
tion of residual stress states that appears between the phase 
constituents.49 Hence, the observed undeflected cracks are 
implications of stress-free states (or rather small stresses) 
for phase constituents in the bulk of the composites, which 
agrees with the conclusions presented in the previous 
sections.

3.4 | Subcritical crack growth and 
Weibull analysis

Although it seems like an effective way to improve the 
strength of the pellet shape sample by removing the layer 

with residual stress and microcracks, it is not practical to 
do so for a membrane component with a large dimension 
or in a case of nonplanar shape, especially for tubular mem-
brane components. Hence, the evaluation of subcritical crack 
growth (SCG) behavior, Weibull distribution and lifetime 
will still be based on fracture stress data measured for as-
sintered composites.

The SCG behaviors of the as-sintered composites are 
assessed by plotting fracture stresses as a function of load-
ing rate, as shown in Figure 8. For 50CGO:50FCO, fracture 
stresses do not appear to change significantly with loading 
rate. By contrast, for 85CGO:15FCO, fracture stresses appear 
to increase with loading rate. A rather strong increase of the 
fracture stresses is observed when the loading rate increases 
from 0.2 to 2 MPa/s. The SCG parameters were then deduced 
by linear regression according to Equation (5). A steep slope 
of the linear regression line suggests high sensitivity to SCG, 
and leads to a small n value (note n is proportional to the re-
ciprocal of the slope).

The calculated SCG parameters are presented in Table 4. 
The D values are identical for the two composites, while 
the n value of 50CGO:50FCO is much higher than the one 
of 85CGO:15FCO. And the confidence interval of n value 
is narrower for 85CGO:15FCO than for 50CGO:50FCO. 
Although the mathematical analysis determined a min-
imum slope with a negative value for 50CGO:50FCO, it 
is realistic to consider that the minimum slope is close to 
zero and n is infinity since no defect healing effect can 

F I G U R E  7  Elastic modulus (A) and fracture stress (B) of 50CGO:50FCO measured at surface and bulk with a loading rate of 20 MPa/s

Composite

H(GPa) KIC(MPa·m0.5)

1 N 5N 1 N 5N

50CGO:50FCO 8.1 ± 0.3 8.8 ± 0.2 0.88 ± 0.11 0.93 ± 0.11

85CGO:15FCO 9.8 ± 0.6 9.9 ± 0.3 0.78 ± 0.12 0.85 ± 0.08

T A B L E  3  Mechanical properties of the 
sintered composites
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happen during mechanical loading.56 The infinite upper 
confidence bound of n value for 50CGO:50FCO implies 
that there is no SCG. The n value of 50CGO:50FCO is 
close to that of the popular dense perovskite oxygen trans-
port membranes, that is, Ba0.5Sr0.5Co0.8Fe0.2O3−δ (n ≈ 40)56 
and La0.58Sr0.4Co0.2Fe0.8O3−δ (n ≈ 49),56 which indicates no 
pronounced SCG behavior. The n value of 85CGO:15FCO 
is lower than that of soda-lime glasses (n ~ 11-18), which 
is known to be prone to static fatigue.80 Therefore, it can be 
concluded that 85CGO:15FCO is more susceptible to SCG 
than 50CGO:50FCO. Since the two composites were tested 
under the same environment, such a distinguishable SCG 
behavior might be induced by compositional and micro-
structural variations.

Weibull analysis was then conducted for all fracture 
stresses of the as-sintered composites. For 85CGO:15FCO, 
the fracture strength data obtained at the highest loading rate, 
ie, 20  MPa/s were used to minimize the effect of SCG on 
Weibull analysis. For 50CGO:50FCO, the fracture strength 
data from all loading rates were combined to increase the 
data quantity and improve the feasibility for Weibull analysis 
since they possess low variations at different loading rates 
due to the limited SCG effect (see Figure 8A). The Weibull 
distributions of fracture stresses can be well described by a 
linear relationship in the log representation, as presented in 
Figure S3.

The derived Weibull parameters are listed in Table  5. 
The m values of the two composites are similar, and lower 
than that of the popular dense perovskite oxygen transport 
membrane—Ba0.5Sr0.5Co0.8Fe0.2O3−δ (~8-1054,81). The low m 
value indicates rather larger failure probabilities for compara-
bly low stresses. 85CGO:15FCO and 50CGO:50FCO have a 
more pronounced difference in characteristic strength than in 
average strength at 20 MPa/s. The �0 value of 85CGO:15FCO 
is higher than that of 50CGO:50FCO considering the confi-
dence intervals. Hence, it is concluded that 85CGO:15FCO 
is mechanically more robust than 50CGO:50FCO against in-
stant failure.

3.5 | Fractography

The fracture surfaces were investigated by SEM to determine 
the fracture mode. For both composites, the fracture path 
developed mainly in a transgranular mode (see Figure S4), 
which agrees with the previous observations based on inden-
tation cracks in Section 3.4.

The investigation of fracture origins was carried out for 
the samples failed at the lowest stresses at 20  MPa/s and 
0.02 MPa/s, respectively. Besides, for 85CGO:15FCO frac-
tured at 20 MPa/s, since the lowest strength value is much 
lower than the other ones that concentrate tightly (see 

F I G U R E  8  Fracture stress as a function of the loading rate for (A) 50CGO:50FCO and (B) 85CGO:15FCO. The red dotted lines are the linear 
regression fits

T A B L E  4  SCG exponent (n) and SCG constant (D) with upper 
and low uncertainty limits

Composite n D

50CGO:50FCO 43
+∞

− 20
87

+ 6

− 6

85CGO:15FCO 6
+ 1

− 1
87

+ 6

− 6

T A B L E  5  Weibull modulus (m) and characteristic strength (�
0
) 

obtained by a linear regression method. (Numbers in brackets refer to 
the 90% confidence intervals)

Composite m �
0
(MPa)

50CGO:50FCO 4.1 [3.8-4.4] 99 [96-101]

85CGO:15FCO 4.1 [3.5-4.6] 148 [141-155]
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Figure 8B), the fracture origins of the sample with the sec-
ond-lowest strength were also investigated as representatives 
for the majority case. The largest flaws close to the fracture 
position were determined to be the likely fracture origins fol-
lowed by rather long fracture lines. In general, all fracture 
origins appear to be located at the tensile surface, as high-
lighted in Figures 9 and 10. However, they are clearly differ-
ent for the two composites.

For as-sintered 50CGO:50FCO failed at 20 and 
0.02  MPa/s, the pore clusters and microcracks at surface 
likely interacted with each other and appear to have contrib-
uted together to initiating the fracture (see Figure 9).

For the ground and polished 50CGO:50FCO, only one 
type of flaw appears to be the fracture origin due to the ab-
sence of long microcracks (see Figure S5). Although a small 
surface flaw, as shown in Figure S5B, seems to initiate the 
crack proportions, the sample has apparently failed at the 
large flaw (~20 µm) highlighted in Figure S5A indicated by 
the long extension of fracture lines.

For as-sintered 85CGO:15FCO, it is hard to determine 
where the fracture has started for the sample with the low-
est fracture strength of 68 MPa at 20 MPa/s. Several sur-
face-located flaws appear to develop rather long fracture 
lines (see Figure S6A). The largest one is around ~20 µm 

F I G U R E  9  Likely fracture origins of 
as-sintered 50CGO:50FCO fractured at (A) 
20 MPa/s and (B) 0.02 MPa/s. The dotted 
and dash-dotted lines represent boundaries 
of surface cracks and pore clusters, 
respectively, as possible fracture origins. 
The fracture lines for each type of fracture 
origin are indicated by the arrows
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(see Figure  S6B). By contrast, for the sample with the 
second-lowest fracture strength of 109 MPa at 20 MPa/s, 
a more distinct surface-located flaw can be characterized 
to be the likely origin (see Figure 10A). Similarly, for the 
samples with the lowest fracture strength at 0.02 MPa/s, 
rather discernible surface-located flaws can also be char-
acterized as the likely fracture origins (see Figure 10B), 
the sizes of which are much smaller than those observed 
for the samples fractured at 20  MPa/s. In addition, sec-
ondary cracks are found surrounding the fracture origins 
(see Figure  10B), which, though, do not appear to have 
developed to a critical size. These secondary cracks could 
be a result of slow crack propagation, and might have 
interacted with the sub-surface short microcracks (see 
Figure 3B).

The sizes of the fracture origin were measured and com-
pared with the values estimated by Equation (10). For the 
ground and polished 50CGO:50FCO, the total � value at the 
fracture origins can be regarded as equal to the fracture stress 
due to the absence of residual stresses (see Figure 6). Hence, 
the size of the fracture origin shown in Figure S5A was cal-
culated to be ~12 µm, which is close to the measured value 
(~19 µm) considering the uncertainties induced by measure-
ment and Y  value.

For the sample experiencing tensile residual stress at the 
surface, it is necessary to consider how the tensile residual 
stress (see Table 1) contributes to the total � value around 
the fracture origin. As an approximation, the � value is cal-
culated as the sum of the fracture stress of the sample and the 
residual stress around the fracture origin, that is, � = �f + �r. 
Although it was shown that the tensile stress decreased grad-
ually from surface to a certain depth (<30 µm) in the bulk, 
the tensile stress at a given depth around the fracture origin 
cannot be determined. Hence, the �r value for correction 
of � value is assumed to be between 0 (stress-free) and the 
maximum tensile stress value, that is, the tensile stress value 
in CGO (see Table 1). Thereby, a lower and an upper limit 
of C are calculated to represent the fracture origin size of a 
sample with and without tensile residual stress, respectively. 
The measured C should not be smaller than the lower limit 
value of the estimated C since average residual stress around 
the fracture origin is expected to be lower than the maximum 
tensile stress at the surface. The degradation effect of tensile 
residual stress on fracture stress is expected to be stronger 
for smaller fracture origins due to the higher tensile residual 
stress value.

As given in Table 6, the fracture stress of the sample does 
not show a clear dependence on fracture origin size due to 

F I G U R E  1 0  Likely fracture origins of 85CGO:15FCO fractured at (A) 20 MPa/s and (B) 0.02 MPa/s. The dashed lines represent the likely 
boundaries of fracture origins. The fracture lines are indicated by the dashed arrows

T A B L E  6  Comparison of the estimated and measured fracture origin sizes for the as-sintered composites

Composite
Loading rate 
(MPa/s)

�(MPa) C-estimated (µm)

C-measured 
(µm)

Lower limit:
�f

Upper limit:
�f + max �

r

Lower 
limit

Upper 
limit

50CGO:50FCO 0.02 58 263 3 58 9

20 84 289 2 28 22

85CGO:15FCO 0.02 39 133 11 123 5

20 109 203 5 16 19
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the effect of tensile residual stress. For large fracture origins 
(≈20 µm), the measured C is in the vicinity of the upper limit 
of the estimated C, which implies a limit contribution of ten-
sile residual stress. For small fracture origins (<10 µm), the 
measured C is much lower than the upper limit of the esti-
mated C, which emphasizes the contribution of tensile resid-
ual stress.

The measured size of small fracture origin in 
50CGO:50FCO is larger than the lower limit value of the es-
timated C as expected. This observation indicates that the av-
erage residual stress around the fracture origin is tensile and 
slightly lower than the maximum tensile stress at the surface, 
although uncertainties in the size of the fracture origin need 
to be considered.

However, the measured size of the small fracture ori-
gin in 85CGO:15FCO is even lower than the lower limit 
value of the estimated C. It cannot be concluded for 
85CGO:15FCO that the residual stress around the frac-
ture origin is compressive since the size of the fracture 
origin is smaller than the thickness of the tensile stress 
surface layer determined by XRD due to the relatively 
large penetration depth of X-ray at high incidence an-
gles.74 Hence, the fracture origin shown in Figure 10B for 
85CGO:15FCO was under tensile stress. Since the small 
fracture origin appears in the sample fractured at a low 
loading rate, the unexpected small fracture origin size 
could be explained by the relatively strong SCG behavior, 
but again uncertainties in fracture origin determination 
can bias the result.

Under dynamic loading conditions, the stress intensity (K)  
at the fracture origin increases gradually with increasing ap-
plied stress to the critical value (=KIC) due to the increase of 
stress value and flaw size (If SCG occurs). The measured C 
value can be the initial size of the flaw where SCG begins, 
while the C value estimated by Equation (10) represents the 
final size of the flaw that leads to failure. Hence, the mea-
sured flaw size, that is, the apparent fracture origin size, can 
only be regarded as the initial size of the fracture origin when 
SCG occurs.

Figure  11 shows schematics that suggest the process of 
SCG for 85CGO:15FCO. The SCG initiates from a flaw, 
while microcracks surrounding the flaw have a certain proba-
bility to extend. We would also like to point out that the size of 
the flaw and microcracks are comparable (see Figure 3B and 
Figure 10B). They can grow and interact or merge, and finally 
reach a critical size leading to failure. At a medium loading 
rate, low stresses, which permit SCG, last for a short time; the 
sample experiences a moderate SCG (see Figure  11B). By 
contrast, an enhanced SCG occurs at a low loading rate since 
the sample stays at low stress values for a long time, during 
which the initial small flaw and the sub-surface microcracks 
grow simultaneously and merge to form flaws with large 
sizes (see Figure 11C); the critical stress intensity, at which 
the sample finally fails, tends to reach at a comparably low 
stress value. However, such a fracture process is not likely 
to happen in 50CGO:50FCO, which is less sensitive to SCG 
effects as the failure is determined by surface-located flaws 
and microcracks (see Figure 2B and Figure 9) that are much 
larger than sub-surface microcracks (see Figure 3A) and can-
not permit stable crack growth.

3.6 | Reliability and lifetime analysis

With the obtained Weibull and SCG parameters, SPT dia-
grams were constructed for three lifetimes, ie, 1  seconds, 
1  month, and 10  years. The 3D surface plots for deriving 
uncertainties of �t (t = 1 seconds, 1 month, and 10 years), 
indicate that the �t changes monotonously as a function of n 
and �0 (see Figures S7 and S8). In the 3D surface plots, the 
n and �0 varies within the range shown in Tables 4 and 5, 
respectively. Hence, extreme values, that is, the upper and 
lower uncertainty limit of �t, appear at the corresponding 
vertices of the 3D surfaces. For 50CGO:50FCO, the upper 
uncertainty limits of �t were estimated to be equal to �0 since 
the upper uncertainty limit of n is infinity.

The SPT lines with uncertainty intervals are illustrated 
in Figure 12. The slope of each line is equal to the Weibull 

F I G U R E  1 1  Schematics illustrating the interactions of a surface-located flaw (⊕) and sub-surface microcracks (⊗) in the sample fractured 
after SCG: (A) initial state of the sample, (B) sample fractured after a moderate SCG, and (C) sample fractured after an enhanced SCG. Dash-dotted 
lines represent the sizes where the sample failure is expected, referred to as boundaries of fracture origins
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modulus, m value. A higher m value suggests rather low 
failure probabilities for low static stress, although all m val-
ues reported here are overall rather low. Each line is shifted 
parallelly to the right when the time of operation increases, 
which means smaller stress induces the same failure proba-
bility and predicting a decrease of mechanical reliability with 
increasing time of operation. The shifting interval between 
two neighboring times of operation increases with n value. 
Thus, the degradation of mechanical reliability with time of 
operation is faster with a lower n value.

The static failure stress values are higher for the SPT line 
on the right than the one on the left for equal failure proba-
bilities. Hence, 85CGO:15FCO appears mechanically a bit 
more reliable than 50CGO:50FCO for instant failure within 
1  seconds considering the uncertainties (see Figure  12A). 
When the time of operation increases to 1 month, the SPT 
line of 85CGO:15FCO shifts a much larger distance than the 
one of 85CGO:15FCO (see Figure 12B). The SPT line con-
tinues to shift to the left when the time of operation increases 
from 1 month to 10 years, but the shifting distances are rather 

small (see Figure 12C). The uncertainty intervals of the SPT 
lines of the two composites do not overlap at 1 month and 
10 years (see Figure 12B,C). Thus, 85CGO:15FCO appears 
significantly less reliable than 50CGO:50FCO for long-term 
(eg, 10 years) operation. Such a large degradation of mechan-
ical reliability for 85CGO:15FCO is accompanied by the 
rather small n value (Table 4), which provokes the large shift 
of the SPT line from right to left when the time of operation 
increases from 1 seconds to 10 years.

F I G U R E  1 2  Prediction of failure probability as a function of static stress for different times of operation: (A) 1 s, (B) 1 mo, and (C) 10 y. 
(The legends in (A) are also applied to (B) and (C))

T A B L E  7  Failure stresses inducing a failure probability of 1%

Composite Lifetime Failure stress (MPa)

50CGO:50FCO 1 s 31
+ 4

− 4

1 mo 22
+ 13

− 8

10 y 20
+ 15

− 8

85CGO:15FCO 1 s 48
+ 12

− 12

1 mo 4
+ 3

− 2

10 y 2
+ 2

− 1
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Table 7 lists static failure stresses for a failure probabil-
ity of 1%. For instant failure within 1  seconds, the critical 
stress value is slightly higher for 85CGO:15FCO than for 
50CGO:50FCO considering the uncertainties of the experi-
ments. However, when for a lifetime that increases from 1 sec-
onds to 10 years, the failure stress of 85CGO:15FCO is reduced 
significantly, while the failure stress of 50CGO:50FCO only 
decreases slightly. These results indicate that the mechanical 
reliability of 85CGO:15FCO is not sufficient for long-term 
operation. Further improvements are needed to optimize the 
SCG behavior to obtain an improved n value.

4 |  CONCLUSIONS

Dual phase composite membranes were prepared by a one-
step solid-state reaction process from powder mixtures 
with two different weight ratios of CGO to FCO, that is, 
50:50, 85:15. With an objective to access the mechanical 
limits regarding application in particular reliability and 
lifetime, the mechanical properties and SCG behavior of 
the synthesized membranes were characterized based on 
mechanical testing results from Vickers indentations and 
ring-on-ring tests with different loading rates. The asso-
ciated effects of composition, residual stress, and microc-
racks were discussed.

50CGO:50FCO and 85CGO:15FCO have similar me-
chanical properties, that is, elastic modulus and fracture 
toughness, while 85CGO:15FCO shows a more pronounced 
SCG behavior than 50CGO:50FCO. At a high loading rate 
(20  MPa/s), the average fracture strength is only slightly 
lower for 50CGO:50FCO than for 85CGO:15FCO, although 
50CGO:50FCO exhibited long microcracks and high ten-
sile residual stress. Nevertheless, the degradation effects of 
long microcracks and tensile residual stress are corroborated 
by a pronounced improvement of the average strength for 
50CGO:50FCO, which exhibited surfaces free of micro-
crack and no tensile residual stress. When the loading rate 
decreased to 0.02 MPa/s, the strength of 50CGO:50FCO re-
mained almost constant, while the strength of 85CGO:15FCO 
was significantly reduced, which resulted in a higher failure 
probability and a reduction of the stress tolerance after a ser-
vice time of 10 years.

The one-step processing of 85CGO:15FCO needs to be 
improved to avoid the fast strength degradation caused by the 
tensile residual stresses and microcracks observed in our re-
search work. A reduction of the grain size and/or optimized 
sintering profiles might provide new directions to explore, 
which we will pursue in our future work.

ACKNOWLEDGMENTS
This work was supported financially by the China Scholarship 
Council. The structural characterization and property testing 

were conducted by Dr E. Wessel, Dr D. Grüner, and Mr M. 
Turiaux. Mr S. Heinz provided technical supports for sam-
ple preparation. The authors thank these contributions, and 
thank Prof. Dr M. Krüger and Prof. Dr L. Singheiser for sup-
port. Open access funding enabled and organized by Projekt 
DEAL.

ORCID
Fanlin Zeng   https://orcid.org/0000-0003-2583-7328 

REFERENCES
 1. Omer AM. Energy, environment and sustainable development. 

Renew Sustain Energy Rev. 2008;12(9):2265–300.
 2. Kotowicz J, Chmielniak T, Janusz-Szymańska K. The influence of 

membrane CO2 separation on the efficiency of a coal-fired power 
plant. Energy. 2010;35(2):841–50.

 3. Zhu X, Yang W. Mixed conducting ceramic membranes. Berlin, 
Germany: Springer-Verlag; 2017.

 4. Niehoff P, Schulze-Kueppers F, Baumann S, Meulenberg WA, 
Guillon O, Vassen R. Fabrication of laboratory-scale planar 
oxygen separation membrane modules. Am Ceram Soc Bull. 
2015;94(1):28–31.

 5. Zhang K, Sunarso J, Shao Z, Zhou W, Sun C, Wang S, et al. 
Research progress and materials selection guidelines on mixed 
conducting perovskite-type ceramic membranes for oxygen pro-
duction. RSC Adv. 2011;1(9):1661–76.

 6. Wang H, Werth S, Schiestel T, Caro J. Perovskite hollow-fiber 
membranes for the production of oxygen-enriched air. Angew 
Chem Int Ed. 2005;44(42):6906–9.

 7. Geffroy P-M, Fouletier J, Richet N, Chartier T. Rational selection 
of MIEC materials in energy production processes. Chem Eng Sci. 
2013;87:408–33.

 8. Karakaya C, Kee RJ. Progress in the direct catalytic conversion 
of methane to fuels and chemicals. Prog Energy Combust Sci. 
2016;55:60–97.

 9. Jiang H, Wang H, Werth S, Schiestel T, Caro J. Simultaneous pro-
duction of hydrogen and synthesis gas by combining water splitting 
with partial oxidation of methane in a hollow-fiber membrane reac-
tor. Angew Chem Int Ed. 2008;47(48):9341–4.

 10. Bouwmeester HJ. Dense ceramic membranes for methane conver-
sion. Catal Today. 2003;82(1–4):141–50.

 11. Dong X, Jin W, Xu N, Li K. Dense ceramic catalytic membranes 
and membrane reactors for energy and environmental applications. 
Chem Commun. 2011;47(39):10886–902.

 12. Stadler H, Beggel F, Habermehl M, Persigehl B, Kneer R, 
Modigell M, et al. Oxyfuel coal combustion by efficient integration 
of oxygen transport membranes. Int J Greenhouse Gas Control. 
2011;5(1):7–15.

 13. Ramasamy M. Dual phase oxygen transport membrane for effi-
cient oxyfuel combustion. Bochum, Germany: Bochum University; 
2016.

 14. Zhu X, Liu H, Cong Y, Yang W. Novel dual-phase membranes for 
CO2 capture via an oxyfuel route. Chem Commun. 2012;48(2): 
251–3.

 15. Baumann S, Serra J, Lobera M, Escolástico S, Schulze-Küppers 
F, Meulenberg WA. Ultrahigh oxygen permeation flux through 
supported Ba0.5Sr0.5Co0.8Fe0.2O3-δ membranes. J Membr Sci. 
2011;377(1–2):198–205.

https://orcid.org/0000-0003-2583-7328
https://orcid.org/0000-0003-2583-7328


16 |   ZENG Et al.

 16. Serra JM, Garcia-Fayos J, Baumann S, Schulze-Küppers F, 
Meulenberg WA. Oxygen permeation through tape-cast asym-
metric all-La0.6Sr0.4Co0.2Fe0.8O3-δ membranes. J Membr Sci. 
2013;447:297–305.

 17. Arnold M, Wang H, Feldhoff A. Influence of CO2 on the ox-
ygen permeation performance and the microstructure of per-
ovskite-type (Ba0.5Sr0.5)(Co0.8Fe0.2)O3-δ membranes. J Membr Sci. 
2007;293(1–2):44–52.

 18. Waindich A, Möbius A, Müller M. Corrosion of Ba1-xSrxCo1-yFeyO3-δ 
and La0.3Ba0.7Co0.2Fe0.8O3-δ materials for oxygen separating mem-
branes under Oxycoal conditions. J Membr Sci. 2009;337(1–2):182–7.

 19. Gao J, Li L, Yin Z, Zhang J, Lu S, Tan X. Poisoning effect of SO2 
on the oxygen permeation behavior of La0.6Sr0.4Co0.2Fe0.8O3-δ per-
ovskite hollow fiber membranes. J Membr Sci. 2014;455:341–8.

 20. Ramirez-Reina T, Santos JL, García-Moncada N, Ivanova S, 
Odriozola JA. Development of robust mixed-conducting mem-
branes with high permeability and stability. Perovskites Relat 
Mixed Oxides. 2016;719–38.

 21. Engels S, Markus T, Modigell M, Singheiser L. Oxygen perme-
ation and stability investigations on MIEC membrane materials 
under operating conditions for power plant processes. J Membr Sci. 
2011;370(1–2):58–69.

 22. Schulz M, Kriegel R, Kämpfer A. Assessment of CO2 stability 
and oxygen flux of oxygen permeable membranes. J Membr Sci. 
2011;378(1–2):10–7.

 23. Tan X, Liu N, Meng B, Sunarso J, Zhang K, Liu S. Oxygen per-
meation behavior of La0.6Sr0.4Co0.8Fe0.2O3 hollow fibre mem-
branes with highly concentrated CO2 exposure. J Membr Sci. 
2012;389:216–22.

 24. Benson SJ, Waller D, Kilner JA. Degradation of 
La0.6Sr0.4Fe0.8Co0.2O3-δ in carbon dioxide and water atmospheres. J 
Electrochem Soc. 1999;146(4):1305.

 25. Ramasamy M, Persoon ES, Baumann S, Schroeder M, Schulze-
Küppers F, Görtz D, et al. Structural and chemical stability of high 
performance Ce0.8Gd0.2O2-δ-FeCo2O4 dual phase oxygen transport 
membranes. J Membr Sci. 2017;544:278–86.

 26. Luo H, Efimov K, Jiang H, Feldhoff A, Wang H, Caro J. CO2-
stable and cobalt-free dual-phase membrane for oxygen separation. 
Angew Chem Int Ed. 2011;50(3):759–63.

 27. Luo H, Jiang H, Efimov K, Liang F, Wang H, Caro JR. CO2-
tolerant oxygen-permeable Fe2O3-Ce0.9Gd0.1O2-δ dual phase mem-
branes. Ind Eng Chem Res. 2011;50(23):13508–17.

 28. Wang Z, Sun W, Zhu Z, Liu T, Liu W. A novel cobalt-free, CO2-
stable, and reduction-tolerant dual-phase oxygen-permeable mem-
brane. ACS Appl Mater Interfaces. 2013;5(21):11038–43.

 29. Cheng H, Zhang N, Xiong X, Lu X, Zhao H, Li S, et al. Synthesis, 
oxygen permeation, and CO2-tolerance properties of Ce0.8Gd0.2O2-

δ-Ba0.95La0.05Fe1-xNbxO3-δ dual-phase membranes. ACS 
Sustainable Chem Eng. 2015;3(9):1982–92.

 30. Zhu X, Liu Y, Cong Y, Yang W. Ce0.85Sm0.15O1.925-Sm0.6Sr0.4Al0.3
Fe0.7O3 dual-phase membranes: one-pot synthesis and stability in a 
CO2 atmosphere. Solid State Ionics. 2013;253:57–63.

 31. Wang B, Yi J, Winnubst L, Chen C. Stability and oxygen perme-
ation behavior of Ce0.8Sm0.2O2-δ-La0.8Sr0.2CrO3-δ composite mem-
brane under large oxygen partial pressure gradients. J Membr Sci. 
2006;286(1–2):22–5.

 32. Guo S, Liu Z, Zhu J, Jiang X, Song Z, Jin W. Highly oxygen-per-
meable and CO2-stable Ce0.8Sm0.2O2-δ-SrCo0.9Nb0.1O3-δ du-
al-phase membrane for oxygen separation. Fuel Process Technol. 
2016;154:19–26.

 33. Kim SK, Shin MJ, Rufner J, van Benthem K, Yu JH, Kim S. 
Sr0.95Fe0.5Co0.5O3-δ-Ce0.9Gd0.1O2-δ dual-phase membrane: oxygen 
permeability, phase stability, and chemical compatibility. J Membr 
Sci. 2014;462:153–9.

 34. Wang S, Kobayashi T, Dokiya M, Hashimoto T. Electrical 
and ionic conductivity of Gd-doped ceria. J Electrochem Soc. 
2000;147(10):3606–9.

 35. Joo JH, Park GS, Yoo C-Y, Yu JH. Contribution of the surface ex-
change kinetics to the oxygen transport properties in Gd0.1Ce0.9O2-

δ-La0.6Sr0.4Co0.2Fe0.8O3-δ dual-phase membrane. Solid State Ionics. 
2013;253:64–9.

 36. Takamura H, Kawai M, Okumura K, Kamegawa A, Okada M. 
Preparation and oxygen permeability of Gd-doped ceria and spi-
nel-type ferrite composites. MRS Online Proc Libr. 2002;756.

 37. Ji Y, Kilner JA, Carolan MF. Electrical conductivity and oxygen 
transfer in gadolinia-doped ceria (CGO)-Co3O4-δ composites. J Eur 
Ceram Soc. 2004;24(14):3613–6.

 38. Kharton V, Kovalevsky A, Viskup A, Shaula A, Figueiredo F, 
Naumovich E, et al. Oxygen transport in Ce0.8Gd0.2O2-δ-based 
composite membranes. Solid State Ionics. 2003;160(3–4):247–58.

 39. Samson AJ, Søgaard M, Hendriksen PV. (Ce, Gd)O2-δ-based dual phase 
membranes for oxygen separation. J Membr Sci. 2014;470:178–88.

 40. Kharton VV, Kovalevsky AV, Viskup AP, Figueiredo FM, 
Yaremchenko AA, Naumovich EN, et al. Oxygen permeabil-
ity of Ce0.8Gd0.2O2-δ-La0.7Sr0.3MnO3-δ composite membranes. J 
Electrochem Soc. 2000;147(7):2814–21.

 41. Nigge U, Wiemhöfer HD, Römer EWJ, Bouwmeester HJM, 
Schulte TR. Composites of Ce0.8Gd0.2O1.9 and Gd0.7Ca0.3CoO3-δ as 
oxygen permeable membranes for exhaust gas sensors. Solid State 
Ionics. 2002;146(1–2):163–74.

 42. Mogensen M, Lindegaard T, Hansen UR, Mogensen G. Physical 
properties of mixed conductor solid oxide fuel cell anodes of doped 
CeO2. J Electrochem Soc. 1994;141(8):2122.

 43. Duncan KL, Wang Y, Bishop SR, Ebrahimi F, Wachsman ED. Role 
of point defects in the physical properties of fluorite oxides. J Am 
Ceram Soc. 2006;89(10):3162–6.

 44. Kiefer T. Entwicklung neuer Schutz-und Kontaktierungsschichten 
für Hochtemperatur-Brennstoffzellen (Development of new protec-
tive and contacting layers for high-temperature fuel cells). Bochum, 
Germany: Ruhr-Universität Bochum; 2008.

 45. Bi ZH, Zhu JH, Batey JL. CoFe2O4 spinel protection coat-
ing thermally converted from the electroplated Co-Fe alloy for 
solid oxide fuel cell interconnect application. J Power Sources. 
2010;195(11):3605–11.

 46. Ramasamy M, Baumann S, Palisaitis J, Schulze-Küppers F, 
Balaguer M, Kim D, et al. Influence of microstructure and surface 
activation of dual-phase membrane Ce0.8Gd0.2O2-δ-FeCo2O4 on ox-
ygen permeation. J Am Ceram Soc. 2016;99(1):349–55.

 47. Pikalova EY, Demina AN, Demin AK, Murashkina AA, 
Sopernikov VE, Esina NO. Effect of doping with Co2O3, TiO2, 
Fe2O3, and Mn2O3 on the properties of Ce0.8Gd0.2O2-δ. Inorg Mater. 
2007;43(7):735–42.

 48. Ramasamy M, Baumann S, Opitz A, Iskandar R, Mayer J, Udomsilp 
D, et al. Phase interaction and distribution in mixed ionic electronic 
conducting ceria-spinel composites. Adv Solid Oxide Fuel Cells 
Electr Ceram II: Ceram Eng Sci Proc. 2017;37(3):99–112.

 49. Kim S, Kim SH, Lee KS, Yu JH, Seong Y-H, Han IS. 
Mechanical properties of LSCF (La0.6Sr0.4Co0.2Fe0.8O3-δ)-GDC 
(Ce0.9Gd0.1O2-δ) for oxygen transport membranes. Ceram Int. 
2017;43(2):1916–21.



   | 17ZENG Et al.

 50. Nithyanantham T, Biswas S, Nagendra N, Bandopadhyay S. 
Studies on mechanical behavior of LSFT-CGO dual-phase mem-
branes at elevated temperatures in ambient air and slightly reducing 
environments. Ceram Int. 2014;40(6):7783–90.

 51. Lia S, Jin W, Xu N, Shi J. Mechanical strength, and oxygen and 
electronic transport properties of SrCo0.4Fe0.6O3-δ-YSZ mem-
branes. J Membr Sci. 2001;186(2):195–204.

 52. Raju K, Kim S, Hyung CJ, Yu JH, Seong Y-H, Kim S-H, et al. Optimal 
sintering temperature for Ce0.9Gd0.1O2-δ-La0.6Sr0.4Co0.2Fe0.8O3-δ 
composites evaluated through their microstructural, mechanical 
and elastic properties. Ceram Int. 2019;45(1):1460–3.

 53. Zeng F, Malzbender J, Baumann S, Schulze-Küppers F, Krüger 
M, Nijmeijer A, et al. Micromechanical characterization of 
Ce0.8Gd0.2O2-δ-FeCo2O4 dual phase oxygen transport membranes. 
Adv Eng Mater. 2020;22(6):1901558.

 54. Pećanac G, Baumann S, Malzbender J. Mechanical properties and 
lifetime predictions for Ba0.5Sr0.5Co0.8Fe0.2O3-δ membrane mate-
rial. J Membr Sci. 2011;385:263–8.

 55. Wang L, Dou R, Wang G, Li Y, Bai M, Hall D, et al. Subcritical crack 
growth behavior of a perovskite-structured Ba0.5Sr0.5Co0.8Fe0.2O3-δ oxy-
gen transport membrane. Int J Appl Ceram Technol. 2018;15(1):63–73.

 56. Pećanac G, Foghmoes S, Lipińska-Chwałek M, Baumann S, 
Beck T, Malzbender J. Strength degradation and failure limits of 
dense and porous ceramic membrane materials. J Eur Ceram Soc. 
2013;33(13–14):2689–98.

 57. Silva RO, Malzbender J, Schulze-Küppers F, Baumann S, Guillon 
O. Mechanical properties and lifetime predictions of dense SrTi1-

xFexO3-δ (x = 0.25, 0.35, 0.5). J Eur Ceram Soc. 2017;37(7):2629–36.
 58. Barsoum M. Fundamentals of ceramics. New York, NY: Taylor & 

Francis; 2019.
 59. Murray PJ, Linnett JW. Mössbauer studies in the spinel system 

CoxFe3-xO4. J Phys Chem Solids. 1976;37(6):619–24.
 60. Zheng Y, Vieira JM, Oliveira FJ, Davim JP, Brogueira P. 

Relationship between flexural strength and surface roughness 
for hot-pressed Si3N4 self-reinforced ceramics. J Eur Ceram Soc. 
2000;20(9):1345–53.

 61. Fitzpatrick ME, Fry AT, Holdway P, Kandil FA, Shackleton J, 
Suominen L. Determination of residual stresses by X-ray diffrac-
tion. Teddington, UK: National Physical Laboratory; 2005.

 62. Atkinson A, Selcuk A. Mechanical behaviour of ceramic oxygen 
ion-conducting membranes. Solid State Ionics. 2000;134(1–2):59–66.

 63. ASTM, C1499–05. Standard test method for monotonic equibiax-
ial flexural strength of advanced ceramics at ambient temperature. 
West Conshohocken, PA: ASTM International; 2003.

 64. ASTM, C1368–18. Standard test method for determination of slow 
crack growth parameters of advanced ceramics by constant stress-
rate strength testing at ambient temperature. West Conshohocken, 
PA: ASTM International; 2018.

 65. ASTM, C1239–13. Standard practice for reporting uniaxial strength 
data and estimating weibull distribution parameters for advanced ce-
ramics. West Conshohocken, PA: ASTM International; 2013.

 66. Origin(Pro). Version 2020 ed. Northampton, MA: Version 2020, 
OriginLab Corporation; 2020.

 67. Krautgasser C, Bermejo R, Supancic P, Danzer R. Influence of the 
scatter of strength and of measurement uncertainties on the deter-
mination of the subcritical crack growth exponent in ceramics and 
glasses. J Eur Ceram Soc. 2017;37(4):1873–8.

 68. ASTM, C1322–15. Standard practice for fractography and char-
acterization of fracture origins in advanced ceramics. West 
Conshohocken, PA: ASTM International; 2010.

 69. Bermejo R, Supancic P, Krautgasser C, Morrell R, Danzer R. 
Subcritical crack growth in low temperature co-fired ceramics 
under biaxial loading. Eng Fract Mech. 2013;100:108–21.

 70. Anstis GR, Chantikul P, Lawn BR, Marshall DB. A critical evalua-
tion of indentation techniques for measuring fracture toughness: I, 
direct crack measurements. J Am Ceram Soc. 1981;64(9):533–8.

 71. Zeng F, Malzbender J, Baumann S, Nijmeijer A, Winnubst L, 
Ziegner M, et al. Optimization of sintering conditions for improved 
microstructural and mechanical properties of dense Ce0.8Gd0.2O2-

δ-FeCo2O4 oxygen transport membranes. J Eur Ceram Soc. 
2021;41(1):509–16.

 72. Zeng F, Malzbender J, Baumann S, Krüger M, Winnubst L, 
Guillon O, et al. Phase and microstructural characterizations for 
Ce0.8Gd0.2O2-δ-FeCo2O4 dual phase oxygen transport membranes. 
J Eur Ceram Soc. 2020;40(15):5646–52.

 73. Raju K, Kim S, Yu JH, Kim S-H, Seong Y-H, Han I-S. Rietveld 
refinement and estimation of residual stress in GDC-LSCF 
oxygen transport membrane ceramic composites. Ceram Int. 
2018;44(9):10293–8.

 74. Bouroushian M, Kosanovic T. Characterization of thin films 
by low incidence X-ray diffraction. Cryst Struct Theory Appl. 
2012;1(3):35–9.

 75. Żyła M, Smoła G, Knapik A, Rysz J, Sitarz M, Grzesik Z. The 
formation of the Co3O4 cobalt oxide within CoO substrate. Corros 
Sci. 2016;112:536–41.

 76. Kaczmarska A, Grzesik Z, Mrowec S. On the defect structure 
and transport properties of Co3O4 spinel oxide. High Temp Mater 
Processes (London). 2012;31(4–5):371–9.

 77. Orlinski K, Diduszko R, Kopcewicz M, Pawlak DA. The influence 
of chromium substitution on crystal structure and shift of Néel 
transition in GdFe1-xCrxO3 mixed oxides. J Therm Anal Calorim. 
2017;127(1):181–7.

 78. Dyck CR, Peterson RC, Yu ZB, Krstic VD. Crystal structure, thermal 
expansion and electrical conductivity of dual-phase Gd0.8Sr0.2Co1-

yFeyO3-δ (0 ≤ y ≤ 1.0). Solid State Ionics. 2005;176(1–2):103–8.
 79. Wachtel E, Lubomirsky I. The elastic modulus of pure and doped 

ceria. Scripta Mater. 2011;65(2):112–7.
 80. Choi SR, Salem JA, Holland FA. Estimation of slow crack growth 

parameters for constant stress-rate test data of advanced ceramics 
and glass by the individual data and arithmetic mean methods. US: 
NASA, Technical Memorandum 107369; 1997.

 81. Wang LI, Dou R, Wang G, Li Y, Bai M, Hall D, et al. Fracture 
strength and Weibull analysis of Ba0.5Sr0.5Co0.8Fe0.2O3-δ oxygen 
transport membranes evaluated by biaxial and uniaxial bending 
tests. Mater Sci Eng A. 2016;670:292–9.

SUPPORTING INFORMATION
Additional supporting information may be found online in 
the Supporting Information section.

How to cite this article: Zeng F, Malzbender J, 
Baumann S, et al. Mechanical reliability of 
Ce0.8Gd0.2O2−δ-FeCo2O4 dual phase membranes 
synthesized by one-step solid-state reaction. J Am 
Ceram Soc. 2020;00:1–17. https://doi.org/10.1111/
jace.17583

https://doi.org/10.1111/jace.17583
https://doi.org/10.1111/jace.17583

